Epitaxial stannate pyrochlore thin films:
Limitations of cation stoichiometry and
electron doping
Cite as: APL Mater. 9, 051113 (2021); https://doi.org/10.1063/5.0049334
Submitted: 03 March 2021 . Accepted: 14 April 2021 . Published Online: 12 May 2021
Felix V. E. Hensling, Diana Dahliah, Prabin Dulal, Patrick Singleton, Jiaxin Sun,
Paik,

Indra Subedi,

Biwas Subedi,

Jürgen Schubert,

Gian-Marco Rignanese, Nikolas J. Podraza,

Hanjong

Geoffroy Hautier, and

Darrell G. Schlom

APL Mater. 9, 051113 (2021); https://doi.org/10.1063/5.0049334
© 2021 Author(s).

9, 051113

APL Materials

ARTICLE

scitation.org/journal/apm

Epitaxial stannate pyrochlore thin films:
Limitations of cation stoichiometry
and electron doping
Cite as: APL Mater. 9, 051113 (2021); doi: 10.1063/5.0049334
Submitted: 3 March 2021 • Accepted: 14 April 2021 •
Published Online: 12 May 2021
Felix V. E. Hensling,1,a)
Diana Dahliah,2 Prabin Dulal,3,4 Patrick Singleton,5 Jiaxin Sun,1 Jürgen Schubert,6
1,5
Hanjong Paik,
Indra Subedi,3,4
Biwas Subedi,3,4
Gian-Marco Rignanese,2
Nikolas J. Podraza,3,4
Geoffroy Hautier,2,7
and Darrell G. Schlom1,8,9
AFFILIATIONS
1

Department of Materials Science and Engineering, Cornell University, Ithaca, New York 14853, USA
Institute of Condensed Matter and Nanosciences, Université catholique de Louvain, 1348 Louvain-la-Neuve, Belgium
3
Department of Physics and Astronomy, University of Toledo, Toledo, Ohio 43606, USA
4
Wright Center for Photovoltaics Innovation and Commercialization, University of Toledo, Toledo, Ohio 43606, USA
5
Platform for the Accelerated Realization, Analysis, and Discovery of Interface Materials (PARADIM), Cornell University, Ithaca,
New York 14853, USA
6
Peter Grünberg Institute (PGI9-IT), JARA-Fundamentals of Future Information Technology, Forschungszentrum Jülich GmbH,
Jülich 52425, Germany
7
Thayer School of Engineering, Dartmouth College, Hanover, New Hampshire 03755, USA
8
Kavli Institute at Cornell for Nanoscale Science, Ithaca, New York 14853, USA
9
Leibniz-Institut für Kristallzüchtung, Max-Born-Strasse 2, 12849 Berlin, Germany
2

a)

Author to whom correspondence should be addressed: hensling@cornell.edu

ABSTRACT

We have studied the growth of epitaxial films of stannate pyrochlores with a general formula A2 Sn2 O7 (A = La and Y) and find that it
is possible to incorporate ∼ 25% excess of the A-site constituent; in contrast, any tin excess is expelled. We unravel the defect chemistry,
allowing for the incorporation of excess A-site species and the mechanism behind the tin expulsion. An A-site surplus is manifested by a
shift in the film diffraction peaks, and the expulsion of tin is apparent from the surface morphology of the film. In an attempt to increase
La2 Sn2 O7 conductivity through n-type doping, substantial quantities of tin have been substituted by antimony while maintaining good film
quality. The sample remained insulating as explained by first-principles computations, showing that both the oxygen vacancy and antimonyon-tin substitutional defects are deep. Similar conclusions are drawn on Y2 Sn2 O7 . An alternative n-type dopant, fluorine on oxygen, is shallow
according to computations and more likely to lead to electrical conductivity. The bandgaps of stoichiometric La2 Sn2 O7 and Y2 Sn2 O7 films
were determined by spectroscopic ellipsometry to be 4.2 eV and 4.48 eV, respectively.
© 2021 Author(s). All article content, except where otherwise noted, is licensed under a Creative Commons Attribution (CC BY) license
(http://creativecommons.org/licenses/by/4.0/). https://doi.org/10.1063/5.0049334
I. INTRODUCTION
The potpourri of interesting and useful properties exhibited
by transition metal oxides has resulted in extensive studies on this
class of materials over the years.1 Oxides with a general formula
A2 B2 O6 O′ (commonly abbreviated to A2 B2 O7 ), where A and B are
metals and O and O′ are two different oxygen sites, belong to
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a family of structures referred to as pyrochlores. Pyrochlores are
particularly interesting as they themselves exhibit a wide variety
of physical properties, which are based on the extensive combination of A-site (rare earth or inert lone-pair electron element) and B-site (transition or post-transition metal) cations with
oxygen.2,3 Consequently, their potential applications are numerous. Examples include tunable dielectrics,4–7 dielectrics with high
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radiation tolerance,8,9 catalysts,10–12 and novel materials for information technology applications.13,14
La2 Sn2 O7 is a particularly interesting pyrochlore. It has been
shown to be photoluminescent15 and highly radiation tolerant.9 It
is further a promising catalyst, e.g., for catalytic methane combustion16–18 and photocatalysis.19–21
Epitaxial thin films provide excellent model systems for understanding catalysis. This is because they enable the effect of crystalline orientation on catalysis to be studied on large-area surfaces. Furthermore, epitaxy enables the purposeful introduction
of defects and the engineering of strain. Ultimately, the epitaxial film approach allows the surface of the catalyst to be different from its underlying support, making it possible to separately optimize the structure and composition of each for higherperformance oxide catalysts that are designed at the atomic-layer
level.22–24
For La2 Sn2 O7 specifically, previous studies of the catalytic activity for the combustion of methane have found
that additional oxygen vacancies induced by cation doping
are beneficial.17 An approach to avoid an external dopant
and, thus, an additional parameter that can influence the catalytic activity is to exploit the adjustable cation stoichiometry available by epitaxy, which can potentially yield oxygen
vacancies.25
Doping La2 Sn2 O7 is not only an effective way to increase
its (photo-)catalytic activity,17,21 but for certain dopants, it is also
predicted to yield n-type conductivity, resulting in a transparent
conducting oxide.14,15,26 Achieving n-type conductivity would also
endow La2 Sn2 O7 with the prerequisite characteristics, enabling a
bilayer structure that is predicted to yield a novel superconductor
to be synthesized and experimentally assessed. The specific interface structure predicted involves coupling spin-ice fluctuations from
a quantum spin-ice with a conductor having a single isotropic Fermi
surface pocket to drive topological odd-parity pairing at the interface between the quantum spin-ice and the electrical conductor.14
Quantum spin-ices are (so far) exclusively found in pyrochlores, so
considering the requirements for the conducting part of the heterostructure and that it needs to form a high-quality interface with
a quantum spin-ice, n-type doped La2 Sn2 O7 is one of the few ideal
candidates.
Despite the interesting properties and applications of
La2 Sn2 O7 , there are, to our knowledge, no reports of its preparation
in the form of epitaxial thin films. In this article, we provide a
guide to the growth of high-quality epitaxial La2 Sn2 O7 thin films
by means of molecular-beam epitaxy (MBE). We explore the limits
of cation non-stoichiometry in La2 Sn2 O7 thin films and discuss the
underlying mechanisms and resulting defect structures. We unravel
the challenge of achieving electronic conductivity in La2 Sn2 O7 .
First-principles point-defect computations show that potential
electron donors such as oxygen vacancies or the substitution of
antimony for tin are too deep within the bandgap to lead to significant conductivity. We also show that these results can be equally
applied to Y2 Sn2 O7 , which is known for its luminescence,27,28 has
promising photo-catalytic properties,29 and, if electronic conductivity can be achieved, is another candidate for the aforementioned
superconducting heterostructure.14 It is thus likely that these
results can be generally applied to the epitaxial growth of stannate
pyrochlores.
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II. EXPERIMENTAL
All thin films are grown on (111)-oriented yttria-stabilized
zirconia (YSZ) substrates from CrysTec GmbH. X-ray diffraction (XRD) obtained with a Panalytical Empyrean with Cu-K α1
radiation reveals a substrate lattice constant of a =0.515 nm.
As both pyrochlores, La2 Sn2 O7 (a =1.0703 nm)30 and Y2 Sn2 O7
(a =1.0372 nm),31 have a cubic lattice constant nearly double that
of YSZ, the expected in-plane mismatches for the ideal stoichiometry are −3.8% and −0.7%, respectively. The thin films are grown
in a Veeco Gen10 MBE at a background pressure of 10−6 Torr of
∼10% distilled ozone and 90% oxygen. The growth temperature of
700 ○ C is measured by using a thermocouple and an optical pyrometer at a measurement wavelength of 980 nm. The fluxes emanating
from molecular beams of the constituent A-site cations, yttrium and
lanthanum, are measured by using a quartz crystal micro-balance
(QCM). The flux emanating from an SnO2 source is also measured by using a QCM, assuming that the species in the molecular
beam are mainly SnO.32–34 The ratio between the fluxes is varied
by changing the temperatures of the effusion cells that contain lanthanum, yttrium, and SnO2 . The growth is monitored in real time
by reflection high-energy electron diffraction (RHEED), and the surface morphology is measured by using an Asylum Research Cypher
ES atomic force microscope (AFM).
The electronic structure and the formation energy of point
defects were calculated using density functional theory (DFT) adopting the projector augmented wave (PAW) method,35 as implemented in the Vienna Ab initio Simulation Package (VASP).36,37 The
wavefunctions were expanded on a plane-wave basis set employing a cutoff energy of 520 eV. The atomic coordinates and the
vector lattice were fully optimized. The point defects were studied
using the supercell approach.38 The different atomic models were
generated utilizing the Python Charge Defects Toolkit (PyCDT)39
using a supercell of 88 atoms. The Brillouin zone was sampled
using a Γ only k-point grid. The exchange–correlation (XC) potential was obtained through adopting the Heyd–Scuseria–Ernzerhof
(HSE) hybrid functional with an exact-exchange fraction of 0.25
and a screening length of 0.2 Å.40,41 Spin-polarized calculations were
performed, and all supercells were relaxed at fixed volume until
the forces on the ions were smaller than 0.1 eV/Å. The occupation of the electronic states was determined through the Gaussian
smearing method with a smearing width of 0.05 eV. The formation
energy of each charged-defect state was computed as a function of
the Fermi level E f as42,43
bulk
Eform [X q , E f ] = Etot [X q ] − Etot
− ∑ ni μi + qE f + Ecorr ,

(1)

bulk
where Etot [X q ] and Etot
are the total energies of the defective
supercell (for a given defect X in the charge state q) and the bulk
energy, respectively. The third term represents the energy needed to
exchange atoms with thermodynamic reservoirs, where ni indicates
the number of atoms of the species i removed or added to create
the defect, and μi are the corresponding chemical potentials. We
computed the phase diagram of La–Sn–F–Sb and La–Sn–O–Sb at
0 K at the same level of theory from the phases (La, Sb, O2 , Sn, F2 ,
LaSn3 , SnO2 , La3 Sn, SnO, La2 O3 , La2 Sn2 O7 , La5 Sn3 , Sn5 O6 , LaSn,
La3 Sn7 , La2 Sn3 , LaSbO4 , La3 SbO7 , LaF3 , LaOF) and determined the
limits of the allowed chemical potential of these species. The fourth
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term represents the energy to exchange electrons with the host material through the electronic chemical potential, which is the Fermi
energy level E f . Finally, the last term in the equation, Ecorr. , is a
correction accounting for the finite size of the supercell, as well as
potential-alignment corrections to restore the position of the pure
bulk valence band maximum (VBM) in charged-defect calculations
due to the presence of the compensating background charge density. Here, we used extended Freysoldt’s (Kumagai’s) scheme.44,45
The thermodynamic transition state of defect X from state q1 to
q2 , which corresponds to the energy level at which a defect captures (or emits) a free carrier, is defined as the position of the Fermi
level at which the defect formation energy of both states q1 and
q2 is equal (Eform [X q1 , E f ] = Eform [X q2 , E f ]). The transition level,
ϵ(q1 /q2 ), relative to the VBM (i.e., E f = EVBM ) is
ϵ(q1 /q2 ) =

Eform [X q2 , EVBM ] − Eform [X q1 , EVBM ]
.
q2 − q1

(2)

Spectroscopic ellipsometry measurements of La2 Sn2 O7 and
Y2 Sn2 O7 epitaxial thin films were performed using a single rotating compensator multichannel ellipsometer (M-2000, J.A Woolam
Co.) at an angle of incidence of 70○ over a photon energy range from
0.74 to 5.89 eV.46,47 The complex dielectric function (ϵ = ϵ1 + iϵ2 )
spectra and structural parameters of the films including film and
surface roughness layer thicknesses were determined from the measured ellipsometric spectra using divided spectral range analysis.48,49
The structural models of the samples consisted of a semi-infinite
YSZ substrate, epitaxial thin film, and surface roughness. The optical properties of the YSZ substrate were also obtained from divided
spectral range analysis. The optical response of the surface roughness was represented by the Bruggeman effective medium approximation,50,51 which consists of equal parts of the top material (YSZ,
La2 Sn2 O7 , or Y2 Sn2 O7 ) and void.
III. LIMITS OF CATION NON-STOICHIOMETRY
IN La2 Sn2 O7
Varying the cation ratios allows us to find the point of
ideal cation stoichiometry and to further establish limits of nonstoichiometry for the targeted phases. A first assessment of the influence of the Sn/La ratio variation on the crystallinity and surface
quality of the La2 Sn2 O7 thin films can be made by monitoring the
real-time RHEED pattern along the [110] azimuth of both the film
and the substrate. We expect 10 and 10 streaks of the epitaxial
La2 Sn2 O7 film to appear at the half-order positions of the (111) YSZ
substrate. This is because a La2 Sn2 O7 film with the pyrochlore structure has a cubic lattice constant nearly double that of the YSZ substrate. Observing the RHEED pattern during growth, three different
types of patterns emerge.
The first type of RHEED pattern is observed when the lanthanum surplus is so high that the Sn/La ratio is less than or equal
to 0.58. A representative pattern of this type is shown in Fig. 1(a).
The expected 10 and 10 streaks of epitaxial La2 Sn2 O7 are practically invisible. Nonetheless, it shows narrow streaks indicative
of the growth of a cubic epitaxial structure. Additionally, a diffuse background signal can be observed, which indicates significant
amorphous content.
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The second type of RHEED pattern is found for depositions
with less lanthanum-excess, all the way up to the stoichiometric ratio
of Sn/La, i.e., 0.74 ≤ Sn/La ≤ 1. A representative RHEED pattern
is shown in Fig. 1(b). The 10 and 10 streaks are now clearly visible in the positions expected for epitaxial La2 Sn2 O7 marked by the
white arrows, and all streaks are sharp, indicative of high crystalline
quality.
Increasing the tin ratio further results in a decrease in diffraction intensity until a La/Sn ratio of 1.33 or more is supplied.
Figure 1(c) shows a representative RHEED pattern of this type. The
intensity is markedly lower than for the other La/Sn ratios, leaving the streaks expected for a cubic epitaxial structure (marked by
arrows) barely visible. Additionally, spots emerge along faintly visible diffraction rings (marked for better visibility). The rings indicate polycrystalline growth, and the spots indicate the formation of
islands.
In order to understand the three types of RHEED patterns, it is
helpful to consider the associated surface morphologies. The bottom
row of Fig. 1 shows representative 1 × 1 μm2 surface morphology
scans from the corresponding films on which the RHEED patterns
in the top row were taken. Starting with the highly lanthanumrich growth conditions, the surface morphology in Fig. 1(d) contains islands, which are probably responsible for the diffuse RHEED
signal. Nevertheless, the underlying step structure is still clearly
visible, and with an rms value of 0.7 nm, the surface is relatively
smooth. The morphology of samples grown under less lanthanumexcess, 0.74 ≤ Sn/La ≤ 1 [Fig. 1(e)], are atomically smooth
(rms ≈ 0.2 nm) and, thus, in good agreement with the associated
RHEED pattern. The RHEED patterns of samples grown under tinrich conditions indicate a loss of the single crystallinity of the surface. This is consistent with the surface morphology seen in Fig. 1(f).
It reveals densely packed islands, and atomic steps are no longer visible. The surface is significantly rougher (rms ≈ 3.1 nm) than the
other two cases.
While RHEED and AFM allow us to define three different
growth regimes with distinct features, the surface sensitivity of both
techniques does not provide a measure of the bulk crystallinity of the
films. This can be achieved, however, by XRD. Figures 2(a) and 2(b)
show XRD patterns for films with varying cation ratios shifted along
the y axis for clarity.
θ–2θ XRD scans of the La2 Sn2 O7 films deposited at different Sn/La ratios are shown in Fig. 2(a). The expected 2θ values
based on the lattice constant of bulk La2 Sn2 O7 are marked by the
dashed lines.30 To analyze the diffraction data, it is again helpful to
divide the data into three types of patterns. Starting with the highly
lanthanum-rich-type represented by the diffraction pattern of the
films grown at Sn/La = 0.58 in purple, we note that the expected
111 and 333 peaks of La2 Sn2 O7 are missing. Nonetheless, peaks close
to the expected 222 and 444 peak positions can be observed. These
peaks are noticeably shifted to lower diffraction angles, and the shift
is most recognizable for the 444 peak. For less lanthanum-rich (blue
Sn/La = 0.74 and turquoise Sn/La = 0.93) and stoichiometric (pink)
growth conditions, all expected peaks in the 2θ range from 10○ to
70○ are observed, with the diffraction peaks with odd indices being
less intense than those with even indices. This observed intensity
difference is in agreement with the observed intensities from powder diffraction, 222 being the most intense followed by 444, 333
being significantly less intense, and finally 111 showing the least
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FIG. 1. (a)–(c) Representative RHEED patterns with the electron beam incident along the [110] azimuth of both the film and the substrate. (d)–(f) Surface morphologies
of the corresponding ∼30 nm thick films including rms roughness resulting from Sn/La ≤ 0.58 (left column), 0.74 ≤ Sn/La ≤ 1 (central column), and 1.33 ≤ Sn/La (right
column). (a) A heavily lanthanum-rich growth results in a streaky RHEED pattern with diffuse background; the associated surface morphology shown in (d) reveals the
formation of comparably small islands, while the step structure remains visible. (b) In the less tin deficient to stoichiometric supply regime, the RHEED pattern expected for
epitaxial pyrochlore La2 Sn2 O7 is observed with clear 10 and 10 streaks marked by arrows. The resulting morphology in (e) is atomically smooth. (c) A surplus of supplied
tin results in a RHEED pattern with barely visible cubic reflections (marked by arrows), spots, and rings (marked by dashed lines). The corresponding surface morphology
(f) is comparably rough; note that the color scheme of the scale bar of each image is different.

intensity.30 The red pattern is observed for the sample grown with
a Sn/La ratio of 1.33. Here, the 222, 333, and 444 peaks are observed
at the expected angles, while the 111 peak is missing.
The differences among the diffraction patterns are also apparent when we take a closer look at the most intense La2 Sn2 O7 222
peak next to the YSZ 111 peak. Figure 2(b) shows the diffraction
pattern of the La2 Sn2 O7 222 peak. Two observations are immediately apparent. The first is that all patterns except that from the
Sn/La = 1.33 sample show clear thickness fringes, signs of the good
crystallinity, and smooth surfaces. Second, a shift of the 222 peak
is visible. Beginning with the film grown with the most lanthanum
surplus (purple), the 2θ position of the 222 peak is seen to shift from
lower angles toward the bulk value, reaching it at the stoichiometric
point (pink). A tin-rich growth results in a comparably small peak
shift toward lower angles (red). Furthermore, the reciprocal space
map of the 331 substrate peak and the 662 film peak of the Sn/La = 1
sample in Fig. 2(c) reveals that the film is fully relaxed.
Figure 3(a) illustrates the influence of supplying different
Sn/La ratios (red) during growth on the crystal structure by
showing the out-of-plane lattice constant. The out-of-plane lattice constant is determined from the 222 peak position shown in
Fig. 2(b). As expected from the dependence of the peak shift of
the 222 peak on the Sn/La ratio, the out-of-plane lattice constant
is the highest for the most lanthanum-rich sample. As the Sn/La
ratio approaches the stoichiometric value, the out-of-plane lattice
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constant approaches the bulk value, which is expected for fully
relaxed films. For tin-rich growth, the out-of-plane lattice constant
increases only slightly. Interestingly, no influence of the cation stoichiometry on the FWHM of the rocking curves shown in Fig. 3(c)
was detectable; it was rather governed by the substrate quality
and below 0.02○ for all La2 Sn2 O7 films. The lack of influence of
stoichiometry on the symmetric rocking curve peak has been noted
in some other oxide systems, e.g., Sr1+δ TiO3+x ,52,53 La1+δ AlO3+x ,54
and La1+δ CrO3+x ,55 whereas it is not the case for Ba1+δ SnO3+x ,56
hexagonal Lu1+δ FeO3+x ,57 or Pb1+δ TiO3+x .58
Figure 3(b) shows the representative off-axis ϕ-scans of the
most tin-rich (red), the stoichiometric (pink), and the lanthanumrich sample (purple). As all films show the same three-fold symmetry as the substrate (black), the cube-on-cube epitaxial relationship
between films and respective YSZ substrates is confirmed.
Considering the surface crystallinity and morphology and correlating them with the structural information allow us to define three
growth regimes and their characteristics:
Regime I: For Sn/La ratios between 0.74 and 1, the surfaces are atomically flat and the RHEED pattern reveals highquality crystalline growth. The XRD pattern also shows all expected
peaks. With an increase in lanthanum, the out-of-plane film
peaks shift to lower 2θ angles. This regime defines the growth
window for high-quality epitaxial La2 Sn2 O7 with the pyrochlore
structure.
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FIG. 2. θ–2θ x-ray diffraction scans of ∼30 nm thick films grown with different Sn/La ratios [given by the numbers on the right-hand side of (a) and (b)]. (a) Wide-range
scan between 2θ = 10○ and 2θ = 70○ and (b) narrow-range scan in the vicinity of the La2 Sn2 O7 222 peak next to the YSZ 111 peak. The dashed lines mark the expected
diffraction angles of La2 Sn2 O7 based on the bulk lattice constant.30 (c) Reciprocal space map of the 331 substrate peak and the 662 film peak of a film with a cation ratio
of 1, revealing that the film is fully relaxed.

Regime II: For Sn/La ratios of 0.58 or lower, the RHEED pattern becomes significantly more diffuse. The surface morphology
reveals the formation of islands, while atomic steps remain visible.
Both the 111 and 333 peaks are missing from the diffraction pattern in this regime. The shift of the 222 peak, however, still follows
the trend of the peak shift observable in regime I for an increase in
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lanthanum. The ϕ-scan and RHEED pattern both reveal the epitaxial
nature of the films in this regime.
Regime III: For films grown under tin-rich conditions
(1.33 ≤ Sn/La), the RHEED pattern indicates a mixture of polycrystalline and amorphous surface phases. The surface morphology is
expectedly rough. It is, thus, also not surprising that no thickness
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oscillations are observed about the 222 diffraction peak. What is surprising, however, is that we are still able to observe all diffraction
peaks except for the naturally least intense 111 peak. Together with
the ϕ-scan, this reveals that the bulk of the film, below the polycrystalline surface, is still epitaxial La2 Sn2 O7 with the pyrochlore
structure.
Having established three distinct regimes of growth, the next
step is to understand the mechanisms that differentiate them. In
order to do this, we have to understand the accommodation of the
cation non-stoichiometry and the accompanying defect chemistry.
Starting with stoichiometric growth in regime I, the highquality of the surface and structural perfection suggest that the
films are single-phase with minimal defects. While an increase in
lanthanum still yields high-quality films, the additional lanthanum
needs to be accommodated and the shift of the x-ray diffraction
peaks to lower angles indicates a structural change. Considering
the defect calculations for pyrochlores by Stanek et al., the energetically favorable accommodation mechanism for A-site excess in
pyrochlores is the formation of anti-site defects whose charge is
compensated by oxygen vacancies.25 The formation energy for antisite defects in pyrochlores is generally low in comparison to other
oxides such as perovskites as the ionic radii are usually similar (in
the case of La3+ and Sn4+ 250 pm and 225 pm, respectively) and the
crystal structure is less densely packed—often even resulting in antisite defects without an applied off-stoichiometry.2,3,8 Applying this
to La2 Sn2 O7 results in Eq. (3) in Kröger–Vink notation,59
2 La2 O3 + 2 SnxSn + OxO → 2 La′Sn + V●●
O + La2 Sn2 O7 .

FIG. 3. (a) Out-of-plane lattice constants (left axis) of La2 Sn2 O7 (red) and Y2 Sn2 O7
(blue) determined from the peak positions in Figs. 2(b) and 8(a), respectively, as a
function of the supplied cation ratios during growth. The line connecting the data
points is a guide to the eye. The dashed lines mark the stoichiometric cation ration
and the bulk out-of-plane lattice constant, respectively. (b) Representative off-axis
ϕ-scans of the 400 family of peaks of a tin-rich (red), stoichiometric (pink), and an
A-rich film (violet). All films show the same threefold symmetry of the 400 family
of peaks as the off-axis ϕ-scan of the 200 family of peaks of the substrate (black),
confirming the epitaxial relationship between films and substrates. (c) Rocking
curves of the 222 peak of La2 Sn2 O7 films as a function of their Sn/La ratio given
to the right.
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(3)

The additional lanthanum (here, given in its oxide form La2 O3 )
forms an anti-site defect on a tin site, resulting in a single negative
charge (La′Sn ). The charge of two such anti-site defects is compensated by a single oxygen vacancy (V●●
O ). These oxygen vacancies
explain the shift toward lower angles in the diffraction pattern as
they result in a lattice expansion.60 Furthermore, the oxygen vacancies are one possible explanation for the decreasing intensity of the
111 and 333 peaks with increasing lanthanum content. A pyrochlore
with an additional oxygen vacancy translates into a bixbyite-like
structure where these peaks are forbidden. Li et al. on the other hand
explained the diminishing intensity of what they refer to as the 111
pyrochlore super-lattice peak with a loss of the super-lattice order
due to the anti-site defects, in principle, making the 222 fluorite-type
peak the 111 peak of the material.61
One may be inclined to think that electrons may accompany
the oxygen vacancies resulting from Eq. (3). This is not, however,
the case. The oxygen vacancies compensate the charges arising from
the acceptor-type lanthanum anti-site defects to precisely maintain
charge neutrality and, thus, do not generate electrons. The accommodation of cation defects by oxygen vacancies is well known for
other oxide crystal structures such as perovskites, i.e., ATiO3 62,63
and LaBO3 ;63,64 fluorites, i.e., CeO2 65 and YSZ;66 and bixbyites, i.e.,
In2 O3 67 and Y2 O3 .68
Upon further increasing the lanthanum ratio, we shift into
growth regime II. The appearance of islands shows that we are
reaching the solubility limit of lanthanum on the tin site. As a result,
the expulsion of lanthanum becomes favorable. Underneath the
islands, La2 Sn2 O7 with the maximum thermodynamically allowed
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lanthanum anti-site defect concentration grows; thus, these films
also show the maximal 2θ peak shift in XRD.
In contrast to the ability of La2 Sn2 O7 to accommodate surplus
lanthanum, surplus tin in regime III seems hardly, if at all, soluble.
While the defect calculations of Stanek et al. predict a B-site compensation by point defects,25 which would translate to Eq. (4) for
La2 Sn2 O7 , this seems not to be the main compensation mechanism
in our thin films,
7 SnO2 + 4 LaxLa → 3 Sn●La + V′′′
La + 2 La2 Sn2 O7 .

(4)

A possible reason for this can be found when considering the formation enthalpy of SnO2 , which is low (Δ0f H = −6.612 eV/atom)32
when compared to La2 O3 (Δ0f H = −3.851 eV/atom).69 An expulsion of SnO2 may, thus, be energetically more favorable for the
system than compensation by point defects—shifting Eq. (4) to the
left-hand side. This would also explain why, despite the surface
roughening caused by the aforementioned expulsion, we still detect
a near-stoichiometric La2 Sn2 O7 diffraction pattern. Growing with
a tin surplus results in the formation of stoichiometric La2 Sn2 O7
with a small amount of additional tin forming anti-site defects, as
given by Eq. (4), which are responsible for the small peak shift. Equation (4) is energetically biased to the left-hand side, however, resulting in the majority of the tin being expelled to the surface where it
forms polycrystalline SnO2 . This is confirmed by the position of the
diffraction rings in the RHEED pattern in Fig. 1(c). As we know the
lattice parameter of the underlying cubic phase, we can compare the
distance of the cubic features to the distance of the polycrystalline
features. This gives us a lattice parameter of 0.48 nm, reasonably
matching that of polycrystalline SnO2 (a = 0.4738 nm),70 especially
considering the blurry RHEED-features.
IV. ELECTRONIC STRUCTURE OF La2 Sn2 O7
Having established a stable growth window for La2 Sn2 O7 , the
next step is to try to achieve n-type conductivity by means of extrinsic doping. For SnO2 , one of the most promising transparent conducting oxides, the most commonly used donor dopant is antimony,
which occupies a tin site Sb●Sn and results in n-type conductivity.71,72
This motivated us to attempt to dope in La2 Sn2 O7 with antimony
hoping to substitute it onto the tin site and thus produce the desired
n-type conductivity.
To achieve antimony doping in La2 Sn2 O7 , we successively
decrease the flux of the SnO2 source, while increasing the flux
of the antimony source. We are able to achieve high-quality epitaxial thin films for antimony doping concentrations up to 20%
(La2 Sn1.6 Sb0.4 O7 ). This can be concluded from the corresponding
θ–2θ XRD scan in Fig. 4 in red. As established earlier in this article,
the peak position and the thickness fringes are clear indicators for
high-quality epitaxial La2 Sn2 O7 thin films. Despite the high quality
of the epitaxial antimony-doped thin films, no measurable conductivity is observed by two-point measurements using an ohmmeter,
independent of the doping concentration of up to 20%.
To understand the lack of conductivity, we use first-principles
defect computations using the HSE functional. A bandgap of 4.5 eV
is computed for La2 Sn2 O7 . To validate this computed bandgap
for the La2 Sn2 O7 thin films, we performed spectroscopic
ellipsometry on the stoichiometric sample. In divided spectral
range analysis, the total measured spectral range is divided into
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FIG. 4. Narrow-range diffraction pattern between 2θ = 25○ and 2θ = 32.5○ in the
vicinity of the YSZ 111 substrate peak for 20% Sb-doped La2 Sn2 O7 (red) and 20%
Sb-doped Y2 Sn2 O7 (blue).

three different regions corresponding to those that are nominally
transparent, weakly absorbing, and highly absorbing. For La2 Sn2 O7 ,
the transparent region spans from 0.74 to 3.00 eV. For this region,
spectra in ϵ are represented by a Sellmeier expression73 and a
constant additive contribution to the real part of ϵ is denoted
as ϵ∞ . The highly absorbing photon energy range is above the
bandgap and extends from 4.52 to 5.89 eV. Spectra in ϵ in the
highly absorbing region are parameterized using a critical point
parabolic band (CPPB)74 oscillator, a Sellmeier expression, and ϵ∞ .
Common structural parameters including surface roughness layer
thickness, and bulk thickness of the film are fit in the simultaneous
analysis of both the transparent and highly absorbing spectral
ranges while fitting each region to its respective parametric model
for ϵ. From the thicknesses obtained, numerical inversion75 is
used to extract ϵ over the full spectral range, as shown in Fig. 5.
This approach using numerical inversion to obtain ϵ in the weakly
absorbing region does not require imposing a particular parametric
model bias in the vicinity of the bandgap. The bulk thickness
of the La2 Sn2 O7 thin film is determined to be 43.2 ± 0.5 nm
with a corresponding surface roughness of 4.7 ± 0.2 nm. The
thickness determined by spectroscopic ellipsometry is in agreement with that obtained on the same film by x-ray reflectivity,
45.13 ± 1.46 nm.
The absorption coefficient (α) spectra are obtained from
, where k is the extinction coefficient obtained from
α = 4πk
λ
ϵ = (n + ik)2 and λ is the photon wavelength. Figure 6(a) shows α2
as a function of photon energy for La2 Sn2 O7 . The direct bandgap
is obtained via a Tauc plot by extrapolating the photon energy at
which α2 = 0. The linear range of these extrapolations corresponds
to α between 9.5 × 103 and 1.983 × 104 cm−1 . The direct bandgap
energy measured for the stoichiometric La2 Sn2 O7 thin film is, thus,
4.20 eV. This value is in reasonable agreement with the bandgap of
4.5 eV obtained by diffuse powder reflection by Mizoguchi et al.26
The computed bandgap agrees very well with the experimental value and is within the typical errors between HSE and the
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FIG. 5. Complex dielectric function (ϵ = ϵ1 + iϵ2 ) spectra obtained by divided
spectral range analysis and numerical inversion for stoichiometric epitaxial
La2 Sn2 O7 (empty) and Y2 Sn2 O7 (filled) films of thickness 43.2 ± 0.5 nm and
48.6 ± 0.2 nm, respectively.

experiment.76 Previous calculations relied on local or semilocal functionals, which are known to significantly underestimate the bandgap.
For example, 3.3–3.4 eV have been obtained using the local density
approximation (LDA)15,26 and 2.7 eV using the generalized gradient
approximation (GGA).77
Given their precision, HSE hybrid computations are perfectly
appropriate to study the dopant level of antimony substitutional
defects and the oxygen vacancies in La2 Sn2 O7 . Figure 7(a) shows
the formation energy of neutral (horizontal lines) and charged (nonhorizontal lines) oxygen vacancies (blue and magenta for O and
O′ , respectively) and antimony-on-tin substitutional defects (red) in
cation-rich/anion-poor and cation-poor/anion-poor regions. While
growth conditions can modify the chemical potential and, thus,
the formation energy of the defects, the defect transition states
between the neutral and charged states (+1 for SbSn and +2 for
the oxygen vacancy) are both quite far from the conduction band
(0.4 eV and 1.9 eV, respectively), indicating that they are deep
defects. Such defects can be present, but do not contribute significantly to the carrier concentration. This rationalizes why up
to 20% antimony excess can be incorporated into the film without markedly affecting the electrical conductivity. Utilizing the
Boltzmann distribution N = Nd e−E f /kB T , where N d is the number of possible defect sites, which is determined by the multiplicity of the defect’s Wyckoff position, the concentration of carriers and defects is computed by imposing charge neutrality of
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FIG. 6. α2 as a function of photon energy to obtain the direct bandgap energies of
stoichiometric epitaxial (a) La2 Sn2 O7 and (b) Y2 Sn2 O7 films.

the system at room temperature. In our model, which does not
take into account compensation from other defects, for 20% antimony excess, this results in an electron concentration of at most
1016 cm−3 .
Although in SnO2 the oxygen vacancy is also deep (located
further than 0.2 eV from the bottom of the conduction band)
where it contributes minimally to conductivity at room temperature, antimony is shallow (within 0.2 eV of the bottom of
the conduction band) consistent with its effective use as an
n-type dopant. The different behavior in La2 Sn2 O7 can be linked
to its higher bandgap, 4.5 eV for La2 Sn2 O7 compared to 3.6 eV for
SnO2 , leading to deeper defects.78
An alternative strategy for achieving n-type conductivity in
SnO2 has been to dope the anion site instead of the cation site with
fluorine (F●O ).79 We also explored this possibility computationally.
Two distinct anion sites are found in pyrochlores. Figures 7(c) and
7(d) show the dopant levels of fluorine for both oxygen sites (red
and green) for different growth conditions. The two oxygen sites
behave differently leading to a deep and shallow F●O defect. The shallow defect formed by fluorine substitution on O′ is a good candidate
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FIG. 7. The dependence of the defect formation energy on the Fermi energy for different growth conditions and dopants obtained by HSE computations. [(a) and (b)]
Antimony doping on the tin site (red). [(c) and (d)] Fluorine doping on the oxygen site (green and red). The formation energy of oxygen vacancies is shown in magenta
and blue. The different formation energies for anion site defects result from the two different coordination states of the anion in pyrochlores. The left and the right column
each represents how growth-induced non-stoichiometry can influence the energy levels. The left column represents cation-rich and anion-poor conditions; the right column
represents cation-poor and anion-poor conditions.

for n-type conductivity. Our computations indicate that a 5% substitution of oxygen by fluorine would lead to electron concentrations
of 1018 cm−3 at room temperature.
V. APPLICATION TO Y2 Sn2 O7
Next, we consider whether the results obtained for La2 Sn2 O7
are equally applicable to other stannate pyrochlores. To this end, we
have attempted the growth of Y2 Sn2 O7 .
In a similar way, as occurs for La2 Sn2 O7 , varying the cation
ratio of Y2 Sn2 O7 allows the limits of non-stoichiometry and the
ideal stoichiometry to be established. Figure 8(a) shows the θ–2θ
XRD scan in the vicinity of the YSZ 111 substrate peak. The dashed
line marks the 222 2θ value expected based on the bulk lattice
constant of Y2 Sn2 O7 .31 The most tin-rich film (red) has the least
defined peak and is the only one about which thickness fringes
are absent. The peak of the film with a Sn/Y ratio of 0.89 (pink)
obtained by QCM is closest to the expected bulk lattice constant,
which means that this flux ratio results in the ideal stoichiometry. Upon increasing the Y-content of the films, the peak shifts to
lower angles maintaining its thickness fringes, however, indicating
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that good crystallinity and smooth surfaces are also maintained. The
reciprocal space map of the 331 substrate peak and the 662 peak of
the film with the lattice constant closest to the expected bulk value in
Fig. 8(b) reveals that the film is compressively strained in-plane. This
is in good agreement with the lattice mismatch between Y2 Sn2 O7
and YSZ.
The change in the crystal structure underlying the shift of the
Y2 Sn2 O7 222 peak is illustrated by the dependence of the out-ofplane lattice constant of the Sn/Y ratio in Fig. 3(a) (blue). It is obvious that the lattice constant nearest to the bulk value is not found
for a cation ratio of 1, but for Sn/Y = 0.89. As the cation ratio is
calculated from the fluxes obtained by QCM, this is likely a result
of the inaccuracy of this calibration method. Noticeably, the out-ofplane lattice constant is also larger than its bulk counterpart31 even
for our point of ideal stoichiometry. This is in good agreement with
the in-plane compressive strain, resulting in an out-of-plane lattice
constant elongation.
Strong similarities are apparent in the structural data obtained
for Y2 Sn2 O7 and La2 Sn2 O7 films. For both stannate pyrochlores, tinexcess results in the loss of thickness fringes about the 222 peak.
In addition, A-site excess can be accommodated in both without
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In this article, we demonstrated that HSE hybrid computations are a precise method to calculate the bandgap and dopant
level for La2 Sn2 O7 . This enables us to utilize the more accessible
GGA computations for Y2 Sn2 O7 while maintaining a realistic estimation of the precision. HSE hybrid computations revealed the
dopant level of antimony to be 0.4 eV below the bottom of the conduction band of La2 Sn2 O7 as discussed above. GGA computations
wrongly place the energy of the dopant level above the bottom of
the conduction band. For Y2 Sn2 O7 , however, GGA computations
reveal the antimony dopant level to be 0.25 eV below the bottom
of the conduction band. It is reasonable to assume that the real
dopant level of antimony will be even deeper. It is, thus, not surprising that antimony doping of Y2 Sn2 O7 does also not yield n-type
conductivity.
This is supported by our observations from spectroscopic ellipsometry performed on the Y2 Sn2 O7 thin film identified as stoichiometric. Using the same approach of divided spectral analysis (Fig. 5)
as for La2 Sn2 O7 , but with a transparent region from 0.74 to 3.6 eV
and a highly absorbing region from 4.76 to 5.89 eV, the bulk thickness is determined to be 48.6 ± 0.2 nm with a surface roughness of
6.2 ± 0.1 nm. Again, the thickness determined by spectroscopic ellipsometry is in agreement with that determined on the same film by
x-ray reflectivity, 44.49 ± 0.87 nm. The direct bandgap determined
from Fig. 6(b) is 4.48 eV and, thus, even higher than that of La2 Sn2 O7
(4.20 eV). This larger bandgap suggests that the antimony-tin defect
will not be shallower in Y2 Sn2 O7 .
VI. SUMMARY

FIG. 8. (a) Narrow-range diffraction patterns between 2θ = 25○ and 2θ = 32.5○ in
the vicinity of the YSZ 111 substrate peak for Y2 Sn2 O7 with different Sn/Y-ratios.
The dashed line marks the expected diffraction angle of the 222 peak of Y2 Sn2 O7
based on the bulk lattice constant.31 (b) Reciprocal space map of the 331 substrate
peak and the 662 film peak of the film with a cation ratio Sn/Y of 0.89.

a significant loss of crystalline quality. In an analogous manner to
La2 Sn2 O7 , we can explain the accommodation of A-site excess in
Y2 Sn2 O7 by the formation of anti-site defects,
2 Y2 O3 + 2 SnxSn + OxO → 2 Y′Sn + V●●
O + Y2 Sn2 O7 .

(5)

The lack of tin accommodation can again be explained by the low
formation enthalpy of SnO2 .
Having established the point of ideal stoichiometry, the next
step was to attempt to achieve n-type conductivity by means of antimony doping. Figure 4(a) (blue) reveals that, similar to La2 Sn2 O7 ,
we can maintain high crystal quality for antimony doping concentrations of up to 20% (Y2 Sn1.6 Sb0.4 O7 ). Unfortunately, we do not
observe conductivity despite the high crystalline quality.
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In conclusion, we have established the cation stoichiometry
window within which stannate pyrochlores can be grown epitaxially
with high crystalline quality. We find that it is possible to induce a
significant A-site surplus into both La2 Sn2 O7 and Y2 Sn2 O7 , without
forming a second phase. The incorporated excess results in a shift
of the XRD peaks to lower 2θ due to the point defects incorporated.
We have established that this A-site surplus results in the formation
of anti-site defects and oxygen vacancies. Once the solubility limit is
reached, additional A-site surplus is expelled. On the other hand, the
concentration of excess tin that can be incorporated into La2 Sn2 O7
and Y2 Sn2 O7 is very small. Even a tiny tin surplus is expelled due to
the low formation enthalpy of SnO2 .
The bandgap of La2 Sn2 O7 calculated by HSE hybrid computations is in good agreement with the experimental value
obtained by spectroscopic ellipsometry. This contrasts with previous bandgap calculations, which used methods known to underestimate the bandgap: the underestimation was especially severe
for pyrochlores. This explains why achieving n-type conductivity in stannate pyrochlores is more challenging than previously
assumed.14,15,26 More specifically, we showed that antimony doping
even to very high levels does not lead to n-type as the antimonyon-tin defect lies deep within the bandgap. Computational results
indicate that fluorine doping might be more promising to reach
n-type conductivity as fluorine on oxygen will lead to shallow
defects.
Our results further pave the way for future thin film applications of the highly interesting stannate pyrochlores. The possibility
of high-quality epitaxial thin films with a controllable defect structure is especially interesting for their applications in the field of
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catalysis. Fluorine doping of stannate pyrochlores could provide a
route to a new type of transparent conducting oxide and even lay the
basis for an exotic superconducting heterostructure.
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